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The objective of this study was to assess the applicability of an extrinsic carbon coating to

tailor the interface in a unidirectional NicalonTM—borosilicate glass composite for maximum

strength. Three unidirectional NicalonTM fibre-reinforced borosilicate glass composites were

fabricated with different interfaces by using (1) uncoated (2) 25 nm thick carbon-coated and

(3) 140 nm thick carbon coated Nicalon fibres. The tensile behaviours of the three systems

differed significantly. Damage developments during tensile loading were recorded by

a replica technique. Fibre—matrix interfacial frictional stresses were measured. A shear lag

model was used to quantitatively relate the interfacial properties, damage and elastic

modulus. Tensile specimen design was varied to obtain desirable failure mode. Tensile

strengths of NicalonTM fibres in all three types of composites were measured by the fracture

mirror method. Weibull analysis of the fibre strength data was performed. Fibre strength

data obtained from the fracture mirror method were compared with strength data obtained

by single fibre tensile testing of as-received fibres and fibres extracted from the composites.

The fibre strength data were used in various composite strength models to predict strengths.

Nicalon—borosilicate glass composites with ultimate tensile strength values as high as

585MPa were produced using extrinsic carbon coatings on the fibres. Fibre strength

measurements indicated fibre strength degradation during processing. Fracture mirror

analysis gave higher fibre strengths than extracted single fibre tensile testing for all three

types of composites. The fibre bundle model gave reasonable composite ultimate tensile

strength predictions using fracture mirror based fibre strength data. Characterization and

analysis suggest that the full reinforcing potential of the fibres was not realized and the

composite strength can be further increased by optimizing the fibre coating thickness and

processing parameters. The use of microcrack density measurements, indentation—frictional

stress measurements and shear lag modelling have been demonstrated for assessing

whether the full reinforcing and toughening potential of the fibres has been realized.
1. Introduction
In brittle matrix composites the load transfer and, as
a result, the mechanical properties depend on the type
of bond between the fibre and matrix [1]. If chemical
reactions occur at the fibre—matrix interface, a strong
interfacial bond results. A strong bond results in good
load transfer and high reinforcing efficiency. In this
case the interface can be characterized by a ‘‘shear
strength’’. However, a strong interfacial bond also
results in propagation of cracks from fibre to matrix
or vice versa. A strong chemical bond at the interface
in brittle matrix composites results in brittle behav-
*Author to whom all correspondence should be addressed.
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iour or catastrophic failure, i.e., once the matrix cracks
at the critical matrix cracking stress, the cracks easily
propagate through the fibres. Therefore, in brittle
matrix composites, the interface needs to be weak and
be able to debond when a matrix crack approaches.

Of course, too weak an interface will reduce load
transfer and reinforcing efficiency. Therefore, the in-
terface characteristics must be optimized. Often, in
brittle matrix composites or ceramic matrix com-
posites (CMCs), there is no chemical bond between
the fibre and the matrix. The load transfer is achieved
only through frictional stress arising from interlocking
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of surface aspirities of fibre and matrix. Radial residual
stresses produced after cooling from the processing
temperature often play a critical role as these decide the
normal force on the interface and hence the frictional
stress. Such interfaces are characterized by a critical
interfacial frictional stress (and not a ‘‘shear strength’’)
beyond which fibre and matrix slip relative to each.

Use of such frictional interfaces for producing tough
and high strength brittle matrix composites has been
demonstrated in NicalonTM (SiC) fibre-reinforced
glass—ceramic matrix composites [2, 3]. In tough, high
strength NicalonTM—lithiumaluminosilicate (LAS) and
NicalonTM—calcium aluminosilicate (CAS) systems
a frictional interface is achieved through a predomi-
nantly carbon layer formed at the fibre—matrix inter-
face during processing via chemical reactions between
the matrix and the NicalonTM fibres [4—6]. The inter-
face layer in the NicalonTM—LAS system is 40—100 nm
thick. The interface layer in the NicalonTM—CAS sys-
tem is about 10 nm thick and has a small percentage of
silica. The interface layer thickness depends on the
diffusion controlled chemical reactions and processing
conditions. Lack of formation of such a layer at the
fibre-matrix interface leads to fibre-matrix chemical
reaction, a brittle failure and low tensile strength.

A number of studies on NicalonTM fibre reinforced
borosilicate glass (BSG) composites have been re-
ported in the literature [7—13]. It is observed that the
composite strength is very sensitive to processing con-
ditions. In particular, the glass matrix devitrifies to
form crystalline cristobalite in the presence of fibres
[9] in the temperature range 750 to 950 °C. While
BSG has a slightly lower coefficient of thermal expan-
sion (CTE) than NicalonTM fibre, cristobalite has
a much higher CTE. Thus, the formation of cris-
tobalite may lead to residual tensile stresses in the
matrix, as well as microcracking and clamping of the
fibres, increasing the fibre—matrix interfacial frictional
stress. Thus, the fabrication conditions must be chosen
to achieve two goals: (1) minimizing devitrification,
and (2) formation of an interfacial carbon layer. One
feasible approach to this problem is to design an
externally deposited coating on the fibres to achieve
the desired mechanical behaviour.

For most of the NicalonTM—BSG composites re-
ported in the literature, the failure strain lies between
0.25 and 0.6% and the stress—strain curves are mostly
linear. The only notable exception is the data from
Habib et al. [10] whose composite showed a failure
strain of 1.29% and a strength of 725 MPa with a sig-
nificant non-linear portion in the stress—strain curve.

The objective of this work was to assess the effect of
interface design on the tensile strength of
NicalonTM—BSG composites.

2. Experimental procedures
The NicalonTM—BSG unidirectional composites were
manufactured by Nippon Carbon Co. with dimen-
sions of 100]100]2.0mm. The matrix is borosilicate
glass (Corning, pyrex d7740). Three types of com-
posites were made: type CG composite has ceramic
grade NicalonTM fibres and type A and B composites
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Figure 1 Fracture mirror on the surface of a failed Nicalon fibre in
composite B.

have, respectively, 25 and 140nm carbon coated
NicalonTM fibres [14]. The carbon coating was per-
formed via a chemical vapour deposition process. The
composites were made by slurry infiltration and hot
pressing. Here, we report characterization results on
batches I and II. Batch I was characterized at the
University of Delaware and the batch II materials
were characterized at the University of Tokyo. Both
batches were processed under identical conditions.
Details of the interfacial characteristics of these com-
posites can be found in references [14, 15].

The carbon coating thickness chosen correspond to
those in NicalonTM—CAS and NicalonTM—LAS systems
[4—6]. Here we report the tensile stress—strain behav-
iour (0°) and damage development in these
NicalonTM—BSG composites. Various specimen de-
signs were used to obtain a desirable failure mode in
the tensile tests. The fibre—matrix interfacial frictional
stress was measured using the indentation technique
[16, 17]. A shear lag model [18] was used to infer the
extent of interfacial debonding in the composites.
The results were compared with similar results
previously obtained on NicalonTM—CAS by the
authors [18].

The fibre strength distributions in the CG, A and
B composites were characterized by the fracture
mirror method [19—21]. Observations of the fracture
surfaces of the three composites indicated that fibre
fractures always initiated from surface flaws. In
a brittle fibre, under an applied load, a surface flaw
grows, reaches a critical size and then the fibre breaks
catastrophically (fast fracture). Crack growth up to the
critical size gives rise to a smooth fracture surface
(fracture mirror). The region beyond critical size is
marked by features such as hackles radiating out-
wards from the smooth region. Fig. 1 shows the frac-
ture mirror and hackles on the fracture surface of
a fibre in composite B-I. The fibre strength, r, mirror
radius, r

.
, and fibre fracture toughness, K

&
, are related

by the following equation [20, 21]:
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Figure 2 Tensile test specimen geometries (a) parallel-sided speci-
men with 30° end tabs (b) parallel-sided specimen with 15° end tabs
(c) dog-bone specimens.

where A
.

is the mirror constant. Fibres on the fracture
surfaces were observed under a scanning electron
microscope and high magnification (1500—2000 times)
micrographs were obtained. Fracture mirror radii
were measured on 30 fibres for each composite. A mir-
ror constant of 3.5 and a K

&
value of 1 MPam1@2

[20, 21] was assumed. Fracture mirror sizes (and
the toughness) cannot be obtained from single
fibre tensile tests since the fibres often shatter into
many pieces and the fracture surface cannot be
obtained.

These fibre strength distributions obtained by frac-
ture-mirror method were compared to those obtained
by single fibre tensile testing at United Technologies
Research Centre on fibres extracted from the com-
posites and virgin fibres from spools which were the
source for the fibres in the composite. The gauge
length for the single fibre tensile testing was 1A
(1A"2.54 cm). The strength data were used in various
CMC strength models [22—29] to assess their suitabil-
ity for predicting the strengths of NicalonTM—BSG
composites.

Two types of specimens were used for tensile testing:
parallel-sided and dog-bone shaped (Fig. 2(a—c)). The
nominal dimensions of the parallel-sided specimens
were 100]10]2.0mm. End-tabs were bonded on to
the parallel-sided specimens with an adhesive. The
material (glass-epoxy or aluminium) and angle (30 or
15°) of the tabs were varied to achieve different stress
concentrations under the tabs. The end-tab length and
thickness were 30 and 2 mm, respectively. Tensile
testing was carried out in a screw-driven Instron at a
crosshead speed of 0.0021mms~1. Prior to testing,
specimen edges were polished using diamond pastes
(1lm size). Strain gauges (5 mm gauge length) were
mounted on to both surfaces of the specimens. Dam-
age on the specimens was recorded using a replica
technique. The crack density was measured by a tech-
nique described earlier [18]. For comparison pur-
poses NicalonTM—epoxy composites (volume frac-
tion"0.6) were fabricated and tested and show failure
strain and strength values in excess of 1.0% and
1.13GPa, respectively. Two dog-bone specimens
were machined from each batch I composites A and B
(Fig. 2c) from 100]10]2mm The width of the dog-
bone specimens in the gauge section is 1.2mm and the
shoulder radius is 10mm.
Figure 3 Comparison of the stress-strain curves for unidirectional
NicalonTM—BSG composites (A, B and CG) with NicalonTM—CAS
[19]. Also shown are the stress-displacement curves for dog-bone
specimens A@ and B@.

The fibre—matrix interfacial frictional stresses were
determined by the fibre push-in technique using the
Vickers microindenter (100 g load) [16, 17]. Ten fibres
were pushed in for each type of batch I composite. The
dimensions of the indentations on the fibre and matrix
and fibre radii were measured on high magnification
micrographs obtained by scanning electron micro-
scopy. The fibre hardness is assumed to be 13GPa (as
measured in references [16, 17] on Nicalon fibres).

3. Results and discussion
3.1. Tensile behaviour
The longitudinal stress—strain curves for the
NicalonTM—BSG composites of type CG, A and B are
compared with that of NicalonTM—CAS [ 18] in Fig. 3.
For comparison, stress—displacement curves for the
dog-bone shaped specimens A@ and B@ are also shown.
Composite CG shows a very low strength; it fails as
soon as first matrix cracking occurs (&0.12% strain).
Composites A and B survive first matrix cracking and
undergo multiple cracking. The stress—strain curve for
composite B shows some non-linearity with a failure
strain of &0.51%. Although the failure of this speci-
men initiates under the end-tabs, the strength is only
slightly lower than that given by the dog-bone speci-
men. The tensile properties of the composites are
summarized in Table 1.

The evolutions of the crack densities in the com-
posites are compared in Fig. 4. Composite CG fails as
soon as microcracking begins and hence multiple
cracking does not develop. In the Nicalon—CAS com-
posite, crack density reaches a saturation level. On the
other hand, failure in composites A and B occurs
before microcracking reaches the saturation level. For
composites A and B, the crack densities at failure are
4 and 5 cracks per mm, respectively, compared to
a saturation density of 7.8 in NicalonTM—CAS [18].
The fibre—matrix interfacial frictional stresses, s, were
calculated from these crack densities using the Aves-
ton, Cooper and Kelly (ACK) model [31, 32] and are
listed in Table II.

The fibre—matrix interfacial frictional stresses meas-
ured by the indentation technique [16, 17] are also
listed in Table II for comparison. The indentation
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TABLE I Summary of mechanical properties of Nicalon—BSG composites

Composite Fibre Young’s Poisson’s Matrix Tensile Tensile
volume modulus ratio cracking strength strength
fraction (GPa) stress (0°) (0°) (90°)

(MPa) (MPa) (MPa)

CG-I 0.39 115.1 0.210 158.8 158.8 —
CG-II 0.38 116.0 — 165.0 165.0 28.0
A-I 0.44 120.7 0.198 207.6 558.1 —
A-II 0.45 124.8 — 202.3 381.8 19.5
B-I 0.45 122.2 0.193 261.6 585.1 —
B-II 0.46 126.1 — 250.0 624.2 28.4

Batch I composites were tested at the University of Delaware and batch II composites were tested at the University of Tokyo

TABLE II Comparison of measured and calculated interfacial frictional stresses (s )

Composite Matrix Crack spacing Calculated s Experimental s
cracking stress (lm) (MPa) (MPa)
(MPa)

CG-I 139.7 — — 287.2$27.6
A-I 207.6 263.2! *5.0 32.5$4.2
B-I 261.6 191.6! *8.6 24.7$6.8
A-II 202.3 132.2! *9.7 —
B-II 250.0 246.5! *6.2 —
Nicalon—CAS" 117.5 129.9 8.4 7.8$1.8

! crack spacing may not have reached saturation,
"Reference [18]
Figure 4 Evolution of crack density in NicalonTM—BSG and
NicalonTM—CAS [19] composites.

method used here is applicable for a composite that
does not have an interfacial chemical bond (i.e. the
stress between the fibre and the matrix occurs only via
frictional stresses). Such a condition can be assumed in
composites A and B due to the extrinsically deposited
carbon coating on the fibres and in the Nicalon—CAS
composite due to the carbon interface produced dur-
ing processing. In the indentation method the model
used for extracting frictional stress from dimensions of
indentations requires that the length over which the
fibre slips be much greater than the fibre radius. Here,
the calculated ratio of fibre slip distance [17] to the
fibre radius is found to be of the order of 45, which
satisfies the above requirement. Also, since the inden-
tation test loads the fibres in compression, the fibres
6462
expand in the transverse direction due to Poisson’s
effect, causing overestimation of s.

Nevertheless, the experimental and calculated fric-
tional stresses compare very favourably for the
Nicalon—CAS composite. The calculated frictional
stresses for composites A and B, on the other hand, are
lower than the experimental ones because failure in
A and B composites occurred before microcracking
reached saturation (whereby the crack spacing would
decrease further). The measured interfacial frictional
stress of the CG composite (287MPa) is very high
compared to that of composites A (32.5MPa) and
B (24.7MPa), indicating a very strong bond between
the fibre and the matrix in composite CG (and inap-
plicability of the simple frictional model). This result is
consistent with the experimental observed fact that the
composite failed as soon as first matrix cracking
occurred. The fibre coating approach seems to be
successful in imparting a frictional characteristic to
the interface as desired. The interfacial frictional stress
for composite B (140 nm carbon coating) is lower than
that of composite A (25 nm carbon coating). Thus, the
interfacial frictional stress reduced as the coating
thickness increased. At this point it is interesting to
compare the frictional stresses measured in com-
posites A and B with those measured on other systems
that show high strength and toughness. For example,
the interfacial frictional stress in NicalonTM—CAS
composite was 8—12MPa, whilst in the NicalonTM—
LAS composite it was 2MPa and in the NicalonTM—
BSG composite it was 2—8MPa [10, 12]. In particular,
the NicalonTM—BSG composite in reference [10]
which showed high tensiles strength (and failure



Figure 5 Prediction of modulus reduction in B composite by shear
lag model (S

$
-debond length in crack spacing at failure 180lm).

strain), has a frictional stress of 2 MPa. Thus, the
interfacial frictional stress in composites A and B in-
vestigated in this study is higher than that of high-
strength composites reported in the literature.

A shear lag model [18] was used to predict the
modulus degradation in the B composite. In this
model the fibre and matrix are modelled as concentric
cylinders. The composite modulus is calculated as
a function of matrix crack spacing (l ) and debond
length (S

$
). A frictional stress transfer from fibre to

matrix is assumed in the debonded region. Experi-
mentally measured crack densities are used as input
for the model and the debond length is increased
gradually. When S

$
reaches l/2, the entire interface is

debonded. The experimental modulus variation is
compared with theoretical predictions in Fig. 5. The
comparison indicates that around 30% of the
fibre—matrix interface has debonded at failure. Similar
comparisons for NicalonTM—CAS [18] indicated
a completely debonded interface at saturation micro-
cracking. The limited extent of debonding in the
B composite is consistent with the measured high
fibre—matrix interfacial frictional stress. The interface
in composite B can be further optimized (by lowering
the frictional stress further) to allow cracking to devel-
op to saturation level, debonding to develop further
and in turn give a composite with even higher failure
strain and strength.

The effect of specimen design on the failure mode
and failure strain are summarized in Table III. Three
specimens of each type were tested. The failure modes
observed in these specimens are shown in Fig. 6. The
data in Table III show that for the NicalonTM—CAS
composites glass-epoxy end-tabs with 30° taper give
a failure strain (0.75%) that is very close to that
obtained using a dog-bone specimen (0.8%) [33]. In
the end-tabbed specimen failure does initiate under
the tabs by interlaminar shear but a significant por-
tion of the failure is tensile.

For the 30° glass-epoxy end-tabbed specimen of
composite CG, failure initiated under the tabs (Fig. 6:
Type CG(a)). Gauge section failure was obtained us-
ing 15° glass-epoxy end-tabs (Fig. 6: Type CG(b)). In
both the CG cases the failure was completely brittle
with no fibre pull out (Figs. 7a and 8a). The brittle
failure mode and the low strength is consistent with
the high measured frictional stress, indicating a strong
interface. Glass-epoxy end-tabs with a 30° angle re-
sulted in significantly different failure modes (and low
failure strain) in composites A and B compared to
NicalonTM—CAS. In A and B, specimen failure occur-
red by splitting and/or delamination which initiated
under the tabs (Fig. 6: Type A(a), Type B(a)).

In composite B, as the end-tab design was changed
to 15° tapered glass-epoxy, the extent of splitting re-
duced (Fig. 6: Type B(b)) and the failure strain (and
strength) increased. With 15° aluminium end-tabs the
splitting was completely eliminated, the failure strain
increased and the failure mode resembled that of
NicalonTM—CAS with 30° glass-epoxy end-tabs (Fig. 6:
Type B(c)). Similar changes in the end-tabs for the
type A composite did not reduce the extent of splitting
and the failure mode was as depicted by Fig. 6: Type
A. Correspondingly, in composite A the failure strain
did not increase. These observations suggest that
the splitting failure mode is undesirable and should
be eliminated to increase the measured tensile
strength.
TABLE III Effect of specimen design on failure strain (e* ), strength (r*) and failure mode

Composite Property Glass-epoxy end-tabs Aluminium Dog-bone
end-tabs 15°

30° 15°

CG-I e* 0.1278 0.1431 — —
r* (MPa) 139.7 158.8 — —
Failure 1 2 — —

A-I e* 0.3743 0.3404 0.3209 — —
r* (MPa) 434.9 401.9 387.2 347.5 558.1
Failure 3 3 3 7 6

B-I e* 0.3588 0.4427 0.5181 — —
r* (MPa) 440.6 490.2 547.0 585.1 556.5
Failure 3 4 5 6 6

Nicalon—CAS! e* 0.7547 — — 0.8000
r* (MPa) 398.0 — — 325.0
Failure 5 — — 6

1. Brittle (no pull out) under tabs, 2. Brittle in gauge section, 3. Splitting Fig. 6, Type A — (a), (b) and (c) 4. Limited splitting, delamination and
tensile Fig. 6, Type B — (b) 5. Delamination and tensile Fig. 6, Type B — (c) 6. In gauge section with pull out, and 7. Failure in the neck region.
!References [18, 33].
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Figure 6 Specimen designs: all (a) have 30° glass-epoxy end tabs, all
(b) have 15° glass-epoxy end tabs, all (c) have 15° aluminium end
tabs and all (d) are dog-bone with 15° aluminium end tabs; Failure
modes: Type CG (a) brittle inside tabs, (b) brittle in the gauge section
Type A (a), (b) and (c) splitting and/or delamination, (d) gauge
section; tensile failure with pull out; Type B (a) splitting, (b) and (c)
limited splitting, delamination and tensile and (d) gauge section
tensile failure with pull out.

The reinforcement in the glass-epoxy end-tabs is in
the form of a plane woven fabric. The Poisson’s ratio
for this material is very low as the traverse fibres
prevent lateral contraction. The Poisson’s ratio for
unidirectional composite, on the other hand, is high.
6464
Figure 7 Failed Nicalon-BSG composites: (a) CG — brittle failure,
(b) A — fibre pull out, (c) B — fibre pull out.

This mismatch produces through-the-thickness tensile
stresses in the composite under the end-tabs. The
Poisson’s ratio of aluminium, on the other hand, is
closer to that of a unidirectional NicalonTM—BSG
composite. Therefore, lower mismatch stresses are



Figure 8 Scanning electron micrographs showing (a) flat fracture in composite CG and (b) fibre pull out in composite B.
produced under the tabs. In an end-tabbed specimen
load is transferred from the tabs to the specimen via
shear stresses (interlaminar). In parallel-sided end-tab-
bed specimens, interlaminar normal and shear stresses
(and stress concentrations at the end of the tab) have
been shown to occur [34, 35] through finite element
analysis. It has been shown that as the angle of the tab
is reduced, the stresses are reduced substantially.

These calculation are confirmed by our experi-
mental data on composite B for which reducing the
angle of the tabs and changing the tab material pre-
vented splitting failure and postponed the inter-
laminar shear failure by lowering the stresses under
the tabs. A similar change in the specimen design,
however, did not improve the strength of composite A.
This may happen if composite A has lower through-
the-thickness tensile strength, through-the thickness
shear strength or in-plane shear strength than the re-
spective strengths in composite B and the stresses under
the tabs in composite A are still higher than the respect-
ive composite A strengths. The through-the-thickness
(or 90° ) tensile strength of composite A was (20MPa)
indeed lower than that of composite B (28MPa).

Two dog-bone tensile specimens each were tested
for both the A-I and B-I samples. For material A, one
of the specimens failed in the shoulder region by
splitting and hence showed a lower strength. The
other specimen showed gauge section tensile failure
with pull out (Figs. 6: Type A(d), and Fig. 7b). The
strength of this specimen is 558.1MPa. Both of the
dog-bone specimens of composite B-I showed gauge
section tensile failure (Fig. 6: Type B(d) and also Figs.
7c and 8b) with strengths of 585.1 and 556.5MPa.
Thus, the parallel sided 15° aluminium end-tabbed
specimen of composite B shows a strength
(547.0MPa) that is very close to that obtained with
the dog-bone specimens. Although composites A and
B both show pull out, in composite A fibres pull out in
groups and the pull out lengths (average 0.13mm) are
smaller than those in B (average 0.84mm).

3.2. Fibre strength measurements
Fracture mirror data were obtained (for batch I com-
posites) from the fracture surfaces of the dog-bone
specimens of A and B and parallel-sided end-tabbed
(15°, glass-epoxy) specimens of CG. Fibre strengths
calculated by the fracture-mirror method are shown in
Fig. 9(a—f ). Weibull analysis of the data sets was per-
formed and the corresponding linearized Weibull
plots are also shown in Fig. 9(a—f ). Superposed on the
fracture mirror strength data are the strength data
obtained by single fibre tensile testing of virgin and
extracted fibres. The average fibre strengths and
Weibull shape and scale parameters for the three com-
posites are summarized in Table IV. Shapes of all the
three strength distributions for fibres in each type of
composite are similar, as is evident in very similar
Weibull shape parameters. The scale parameter, on
the other hand, change-significantly between the as-
received, extracted and fracture mirror data. It is inter-
esting to note here that the shape parameter values
(4.4—6.1) and scale parameter values (2045—2466MPa)
obtained in this study by the fracture mirror method
on fibres in the NicalonTM—BSG composite are very
similar to those obtained for fibres in the
NicalonTM—LAS composite reported by Bleay and
Scott [12] who also, used the fracture mirror method.

Both the extracted single fibre strengths and the
strengths calculated on the basis of the fracture mirror
method are lower than the virgin fibre strengths; thus
the fibre strength is obviously degraded after incorpo-
ration into the matrix and processing. In particular,
the ratios of extracted fibre strength to as received
fibre strength are 0.49, 0.45, and 0.38 in the CG, A and
B composites, respectively. The extracted single fibre
strengths are consistently lower than the mirror analy-
sis-based strength data in all three composites. The
possible reasons for this phenomenon are: (i) the as-
sumed mirror constant, (ii) the assumed fracture
toughness and (iii) fibre degradation that may occur
during the extraction process.

3.3. Prediction of the composite ultimate
tensile strength

Some generic composite strength models [22—24, 30]
and some models specifically developed for CMCs
[20, 25—29] have been adapted to the prediction of
the strength of the NicalonTM—borosilicate glass
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Figure 9 Fibre strength distributions; (K) extracted, (L) fracture mirror analysis and (e) as-received for (a) CG, (b) A and (c) B composites
and also the corresponding linearized Weibull plots for (d) CG, (e) A and (f ) B composites, (P

&
-probability of failure).

TABLE IV Fibre strength data obtained by fracture mirror analysis and single fibre testing

Composite Fracture mirror Extracted single fibre! As-received single fibre!

m r
&

r* m r
&

r* m r
&

r*

CG-I 4.4 1887.8 2044.8 3.1 1472.5 1612.3 7.6 2986.5 3138.9
A-I 5.4 1967.7 2098.8 4.4 1425.3 1527.5 4.3 3196.4 3453.4
B-I 6.1 2327.6 2465.7 3.2 1196.2 1315.8 4.7 3145.1 3365.5
Nicalon—CAS — — — 4.7 1448.0 1535.3 — — —

m, r* — Weibull shape and scale parameters, r
&
— average fibre strength, ! tests conducted at United Technologies Research Centre (gauge

length 25.4mm), strength in MPa
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composites. The fibre strength data obtained by the
fracture mirror method and extracted single fibre ten-
sile testing data are used in various models to predict
the ultimate tensile strength (UTS) of the three com-
posites and the predictions are then compared with
the experimental data in Tables V and VI, respective-
ly. A brief discussion of the strength models used
follows.

The average fibre strength model assumes that the
matrix contribution to the strength is negligible,
the fibre strength is single valued, and also that fibre
failures are non-interactive. For average fibre
strength, r

&
, the composite strength, S

A
, is given by:

S
A
"r

&
»

&
(2)

The fibre bundle model [22] takes the fibre statistical
strength distribution into account. Low strength fibres
break first, transferring their load uniformly to unbro-
ken fibres. The stress on the unbroken fibres is then
higher than the average bundle stress. The bundle as
a whole fails when the unbroken fibres are unable to
sustain the load. In this model the fibre stress is as-
sumed to be uniform and the fibre failure is assumed
to be non-interactive. The fibre bundle strength, r

B
,

and the composite strength, S
B
, are given by:

r
B

r
&

"A
1

meB
1
m 1

!A1#
1

mB
S
B
"r

B
»

&
(3)

where ! denotes the gamma function, m is the Weibull
shape parameter and e is the base of natural logar-
ithm. The bundle strength is lower than the average
fibre strength and it reduces as the variation in fibre
strength increases (lower m).

The cumulative fibre failure model [23, 24] is very
similar to the bundle model except that stress near
a fibre break is assumed to be non-uniform and is
taken into account through an ineffective length, ¸

C
,

within the gauge length, ¸. The cumulative fibre
bundle strength, r

C
, and the composite strength, S

C
,

are given by:
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&
(4)

Contrary to bundle strength, cumulative strength ex-
ceeds the average fibre strength. The ineffective length
is difficult to estimate and it is assumed to be equal to
the average pull out length measured on the fracture
surfaces (0.84 and 0.13mm for composites B and A,
respectively). No pull out is observed in CG specimens
and hence cumulative fibre failure model-based pre-
dictions are not carried out for CG specimens.

Recently, some models have been proposed specifi-
cally for CMCs by considering the damage develop-
ment. One such model is that developed by Cao and
Thouless [25]. It is based on an earlier model pro-
posed by Thouless et al. [20]. In the Cao—Thouless
model, the composite after saturation microcracking
is considered. Fibre strength variability is taken into
account and fibre stress distribution is calculated by
a shear lag analysis. Fibre failure is assumed non-
interactive, and multiple fibre failure is neglected. The
composite strength, S

CT
, is given by:

S
CT
"»

&
&C

&R

m (m#1)s¸D
1
m exp (!1/m) (5)

where

&"C
A

0
Sm
0
s (m#1)

2pR2 D
1

m`1

S
0
"r*C

2pR¸

A
0
D

1
m

r* is the Weibull scale parameter, ¸ is the gauge
length, R is the fibre radius and A

0
is a normalizing

factor ("1m2 ). Algebraic manipulations show that
the strength predicted by this model is independent
of s.
TABLE VI UTS predictions using extracted single fibre strength data

Composite Exp. S
A

S
B

S
C

S
CT

S
CRT

Exp. s s"10 s"1

CG-I 158.8 574.3 322.8 — 316.0 1960.8 864.7 492.2
A-I 558.1 627.1 392.6 1295.6 383.7 1015.3 816.2 532.9
B-I 585.1 538.3 305.3 885.4 300.6 1042.7 840.7 485.9
Nicalon—CAS 445.8 506.8 321.2 — 311.8 669.0 698.8 466.6

Strength in MPa

TABLE V UTS predictions using fracture mirror-based fibre strength data

Composite Exp. S
A

S
B

S
C

S
CT

S
CRT

Exp. s s"10 s"1

CG-I 158.8 736.2 458.7 — 453.7 1703.5 914.8 597.2
A-I 558.1 865.8 569.9 1510.2 561.5 1212.0 1008.9 703.5
B-I 585.1 1047.4 710.8 1243.9 700.2 1248.6 1099.3 794.8

Strength in MPa
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Curtin [26] has proposed a model with assump-
tions similar to those in the Cao—Thouless model but
allowing for multiple fibre failures. The composite
strength, S

CRT
, is given by:

S
CRT

"»
&
rC

2

m#2D
1

m`1 m#1

m#2
(6)

where

r"C
A

0
r.

0
s¸

0
R D

1
m`1

¸
0

is the fibre length, and r
0

is the stress at which
63.2% of the fibres fail. According to this model the
composite strength is proportional to s1@(m`1). Thus,
the strength can vary substantially with s, especially
for low m values. Therefore, predictions with this
model are made at measured s as well as s"1 and
10MPa to demonstrate this effect.

Since the CG composite fails in a brittle fashion
without multiple cracking the models are really not
applicable and the strengths are highly over-predicted.
If fibre strength distributions obtained by fracture
mirror analysis are used, predictions of the bundle
model and the Cao—Thouless model are closest to the
experimental value. On the other hand, if the extracted
fibre strength data are used, the average strength
model gives the best predictions. In this case, the
composite strength is underestimated by the bundle
theory and the Cao—Thouless model. For both fibre
strength data sets the composite strengths are overes-
timated by the Curtin model if the measured inter-
facial frictional stresses are used. The predictions by
this model are much closer to the experimental values
if a frictional stress of the order of 1MPa is used. It
can be seen that in all the cases, the predictions of the
Cao—Thouless model differ only slightly from those of
the bundle model. It also should be noted that these
composites may not have developed saturation micro-
cracking before failure. Therefore, the strength predic-
tions by the last two models could be inaccurate.

4. Conclusions
In the absence of an interfacial coating, NicalonTM—
BSG composite specimens broke catastrophically as
soon as the first matrix cracking occurred, and thus no
toughening was achieved. Extrinsically deposited in-
terfacial carbon coating successfully imparted a fric-
tional characteristic to the fibre—matrix interface. For
the carbon coating thicknesses investigated, the inter-
facial frictional stress reduced as the coating thickness
increased. The coated fibre composites survived first
matrix cracking and showed multiple cracking.
NicalonTM—BSG composite specimens with a strength
as high as 585 MPa were fabricated using a 140 nm
thick extrinsically deposited carbon coating on the
fibres. However, matrix microcracking in this com-
posite did not reach a saturation level at failure and
interfacial frictional stress in this composite is higher
than that in some higher-strength composites re-
ported in literature. Thus, the coating thickness and
processing must be further optimized to improve the
6468
tensile strength of the composite. The composite
through-the-thickness tensile and in-plane and
through-the-thickness shear strengths played a very
significant role in determining the failure mode and
the measured tensile strength of the composite when
end-tabbed specimens were used.

The extracted single fibre strengths were consis-
tently lower than the mirror analysis-based strength
data in all three composites. This difference may be
attributed to the assumed mirror constant, assumed
fracture toughness and damage during extraction.
Both fracture mirror analysis and extracted single
fibre tensile test data reveal that significant fibre
strength degradation occurs during processing. Since
the fracture mirror analysis and the single fibre tests
give different fibre strength distributions, different
model predictions are obtained based on each data set
and one particular model cannot be singled out as
‘‘applicable.’’ In all these cases, the predictions of the
Cao—Thouless model differ only slightly from those of
the bundle model.

Thus, this study has demonstrated the successful use
of extrinsic carbon coatings for fabricating tough,
high-strength NicalonTM—BSG composite. Also, the
use of micro-crack density measurements, indenta-
tion-frictional stress measurements and shear lag
modelling has been demonstrated for assessing
whether or not the full reinforcing and toughening
potential of the fibres has been realized.
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